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ABSTRACT 
The exceptional mechanical properties of metallic nanolayers originate from the high density of 
nanoscale interfaces. However, conflicting observations in the relationship between mechanical 
properties and interlayer thicknesses, as well as discrepancies in measured strength between 
experiments and simulations, suggest that microstructural flaws play an essential role in the 
deformation behavior of actual metallic nanolayers. In this thesis, molecular dynamics 
simulations are used to uncover two distinct nanoscale plasticity mechanisms activated by the 
presence of micro-cracks and columnar grain boundaries in Cu/Ag nanolayers under tension. The 
first mechanism is deformation twinning, caused by emission of twinning partials from the 
micro-cracks and columnar grain boundaries. These deformation microtwins are transmitted 
across multiple Cu/Ag interlayers and facilitate the communication between spatially separated 
flaws. In addition, the intersections of microtwins on non-parallel slip planes produce formidable 
locks, which serve as stress concentration sites for incipient crack growth. The second 
mechanism is interlayer interface migration, which results in the morphological transition of 
initially planar Cu/Ag nanolayer to become wavy. This planar-to-wavy transition is driven by 
energetics, and is facilitated by dislocation climb along columnar grain boundaries. The above 
tensile-activated plasticity mechanisms are distinctly different from the strengthening mechanism 
associated with interface crossings of single dislocations under compression. Implications of 
these mechanisms to the ductility of metallic nanolayers, as well as the activation of novel 
nanoscale plastic recovery processes, are discussed.  
 
 
 
 
 
 iii 
ACKNOWLEDGMENTS 
The author wishes to give sincere gratitude to Professor Chew for his essential assistance in 
the theory derivation of the study and in the preparation of the manuscript. In addition, 
thanks to his help in my visa application, which offer me the chance to study in the USA. 
Thanks to my friends all around for making my research life colorful. Special thanks to my 
parents for always supporting me in the back and encouraging me for chasing Master’s 
Degree. And finally, thanks to my girlfriend in China for waiting me firmly and giving me 
strength all the time. 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 iv 
TABLE OF CONTENTS 
CHAPTER 1: INTRODUCTION ............................................................................................... 1 
1.1 Mechanical Properties of Metallic Nanolayers ............................................................................. 1 
1.2 Thesis Overview ........................................................................................................................... 3 
1.3 Figures ........................................................................................................................................... 4 
 
CHAPTER 2. LITERATURE REVIEW .................................................................................... 5 
2.1 Classification of Interface Structure .............................................................................................. 5 
2.2 Interlayer Thickness Dependent Strengthening Mechanisms ....................................................... 5 
2.3 Dislocation Slip versus Deformation Twinning ............................................................................ 7 
2.4 Review of Cu/Ag Nanolayer Research ......................................................................................... 8 
2.5 Figures ......................................................................................................................................... 10 
 
CHAPTER 3 SIMULATION METHODS ............................................................................... 12 
3.1 Background of Molecular Dynamics .......................................................................................... 12 
3.2 Interface Structure Modeling ...................................................................................................... 13 
3.3 MD Model Set-up ....................................................................................................................... 14 
3.4 MD Simulation Process .............................................................................................................. 15 
3.5 Deformed Atomic Configurations in MD Simulations ............................................................... 17 
3.6 Figures ......................................................................................................................................... 18 
 v 
3.7 Tables .......................................................................................................................................... 20 
 
CHAPTER 4 PRISTINE CU/AG NANOLAYER SIMULATIONS ........................................ 21 
4.1 Nucleation of Incipient Micro-Cracks ........................................................................................ 21 
4.2 Twinning Partials Initiating from Incipient Micro-Cracks .......................................................... 22 
4.3 Discrepancies in Strength between Experiments and Simulations ............................................. 24 
4.4 Figures ......................................................................................................................................... 26 
 
CHAPTER 5. POLYCRYSTALLINE CU/AG NANOLAYER SIMULATIONS ................... 30 
5.1 Grain-Boundary-Mediated Plasticity Mechanisms ..................................................................... 30 
5.2 Transition from Planar to Wavy Interlayer Interfaces ................................................................. 32 
5.3 Plastic Recovery Processes ......................................................................................................... 35 
5.4 Figures ......................................................................................................................................... 37 
5.5 Tables .......................................................................................................................................... 46 
 
CHAPTER 6. COMPRESSION OF CU/AG NANOLAYERS ................................................ 47 
6.1 Comparison between Compression and Tensile Simulations ...................................................... 47 
6.2 Plastic Recovery under Compression.......................................................................................... 48 
6.3 Figures ......................................................................................................................................... 49 
 vi 
CHAPTER 7. CONCLUDING REMARKS ............................................................................ 52 
7.1 Discussions ................................................................................................................................. 52 
7.2 Future Work ................................................................................................................................ 54 
 
APPENDIX A: DERIVATION OF PLANAR-TO-WAVY TRANSITION FORMULATION 56 
A.1 Residual energy in the planar nanolayers (dEresidual) ............................................................. 56 
A.2 Increase of interface energy (dEinterface) ................................................................................ 57 
A.3 Figures ........................................................................................................................................ 58 
 
REFERENCES ......................................................................................................................... 59 
 
 
 
 
 
 
 
 
 
 
 
 
 
1 
 
CHAPTER 1: INTRODUCTION 
 Nanoscale metallic multilayer composites (in abbreviation metallic nanolayers) consist of two 
or more different metal layers of nanoscale thickness, which are repeated throughout the entire 
structure, see Figure 1.1 [1]. In the past two decades, several well-controlled fabrication 
techniques have been developed, including chemical vapor deposition (CVD), sputtering, electron 
beam (EB) evaporation, laser ablation, ion plating, rolling and physical vapor deposition (PVD) 
[2]. Metallic nanolayers with thicknesses varying from 1 to 1000 nm can be achieved by these 
techniques [3]. The metallic nanolayers possess order-of-magnitude higher strengths compared to 
their bulk components, and exhibit thermal stability even at temperatures close to their melting 
point. These properties have led to the widespread use of metallic nanolayers in various 
engineering applications. For example, Ti-Ag-Ni multilayers are used as temperature-barrier 
coatings in regenerated grating (RG) sensors [4], while Ti/Al, Ni/Al and Cu/Al multilayers are 
used as filler metals in welding processes [5]. In addition to the mechanical and thermal 
properties, the nanoscale layers and the sharp interface between layers can give rise to other 
unique attributes, such as the high diffraction efficiency in the Laue Lens – a type of X-ray Nano-
focusing optics made up of nanolayers (Mo/Si etc.) [6]. The focus of this thesis is purely on the 
mechanical properties of metallic nanolayers. 
 
1.1 Mechanical Properties of Metallic Nanolayers 
 Experiments conducted on a wide range of metallic nanolayers systems, such as Ni/Cu, 
Cu/Al, Cu/Au and Cu/Ag nanolayers, show that these composites possess ultra-high strength, high 
ductility (in certain cases) and are morphologically stable [1,7]. The metallic nanolayers also 
experimentally exhibit resistance to fatigue, high temperature, and even radiation damage [5,8,9]. 
However, the underlying mechanisms responsible for these properties, which occur below the 
2 
 
optical limit, are still not well understood due to the small feature size of the nanoscale interlayers. 
For example, different mechanical strength versus interlayer thickness relations have been 
reported by different groups at sub-10 nm interlayer thicknesses: some experiments showed that 
the strength of metallic nanolayers increases with the decrease in interlayer thickness [10], while 
others have observed that the yield strength saturates at interlayer thickness of ~5 nm [11]. 
Metallic nanolayers exhibiting brittle behavior have been reported in some experiments [12,13]; 
however, certain examples have exhibited super ductility as well [14]. The yield strengths 
reported by tensile and compressive tests are also found to be quantitatively different, with 
hardness measurements from nanoindentation experiments displaying almost twice the yield 
strength of the same nanolayer metal under tensile tests [3]. To our knowledge, only very few 
papers in the literature have discussed the mechanical properties of metallic nanolayers under 
tension [12,13], due to the difficulties in experimental set-up as well as in-situ experimental 
observations. 
 
 The conflicting trends and limitations in experiments suggest a lack of understanding to the 
operative plasticity mechanisms in metallic nanolayers with sub-10 nm length-scale. To this end, 
molecular dynamics (MD) simulations are very useful in revealing the nanoscale plasticity 
mechanisms in nanolayers. The primary MD studies on nanolayer metals in the literature have 
focused on understanding the atomic structure of the interlayer interface and its resistance effect 
to transmission of a single glide dislocation [15-18]. In regards to quantitative measurements of 
the macroscopic stress versus strain response, however, MD simulations are found to predict 
order-of-magnitude higher strengths compared to experimental findings. For example, numerical 
predicted tensile strength could reach several gigapascal, while experimental results are typically 
lower than 1GPa [12]. This discrepancy can be attributed to the pristine nanolayer structure 
assumed in MD simulations compared to the presence of flaws and imperfections in actual 
nanolayer metals. Studies show that the plastic response of metallic nanolayers is strongly 
influenced by the presence of micro-cracks, which originate from the fabrication process or 
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develop under tensile deformation [12,14,19]. In addition, metallic nanolayers fabricated by 
physical vapor deposition (PVD) process are highly polycrystalline with columnar grain 
boundaries; the competitive effects of interlayer interfaces and grain boundaries are found to 
control the deformation resistance of the polycrystalline nanolayers [12, 20]. 
   
1.2 Thesis Overview 
 This thesis introduces microstructural flaws in MD simulations to elucidate the role of the 
flaws in controlling the strength and ductility of metallic nanolayers. Two classes of 
microstructural flaws are discussed: initial incipient micro-cracks and columnar grain boundaries. 
The presence of these flaws is found to trigger very different plasticity mechanisms under tension, 
compared to the widely postulated single dislocation slip mechanism under compression. The 
simulation model in this thesis is specifically based on Cu/Ag nanolayers.    
 
 The thesis is divided into several chapters. Chapter 2 reviews some basic concepts and the 
current state-of-the-art in Cu/Ag nanolayer research. In Chapter 3, the method of the study is 
introduced, including the molecular dynamics (MD) modeling and problem set-up. Chapter 4 
analyzes the tensile test results for pristine Cu/Ag nanolayers, characterizes the role of micro-
cracks on the development of deformation twinning, which explains the discrepancies in yield 
strength measurements between numerical and experimental results. In Chapter 5, we present the 
results of polycrystalline Cu/Ag nanolayer simulations with column grain boundaries, and 
uncover two distinct nano-plasticity mechanisms: (a) deformation twinning across multiple Cu/Ag 
interlayers; (b) interlayer interface migration causing a morphological transition of the initially 
planar nanolayers to become wavy. An energetics-based model to predict the range of interlayer 
thickness and columnar grain size to drive the morphological transition in (b) is developed (details 
in appendix) and a unique plastic recovery phenomenon observed during unloading of the 
nanolayers is discussed. In Chapter 6, we compare the tensile results with compression 
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simulations and examine the plastic recovery in the compression unloading process. Finally, in 
Chapter 7, we conclude all the findings in the study and discuss the ductility and strengthening 
mechanisms of nanoscale Cu/Ag multilayer composite. The thesis will conclude with suggestions 
for future work.  
 
1.3 Figures 
 
 
 
 
 
 
 
Figure 1.1: Cross-section TEM image of  typical metallic nanolayers: Cu/Cr composite [1] 
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CHAPTER 2. LITERATURE REVIEW 
2.1 Classification of Interface Structure  
 The interlayer interface between repeated bi-layer metal pairs plays a decisive role for many 
properties of metallic nanolayers. These interfaces can be classified as coherent, semi-coherent 
and incoherent [21,22], depending on the lattice parameters at the contact plane. A coherent 
interface has two crystals matched perfectly at the interface plane. They share almost the same 
lattice parameter, so that the two lattices are continuous across the interface. The best example is 
the (001) Cu/Ni [23]. An incoherent interface, on the contrary, has two completely different 
atomic configurations in the combined two metals. They are either two different phases or similar 
phases but possess interatomic distances varied by more than 25%. Typical incoherent interface is 
Cu/Nb [11]. Between coherent and incoherent interfaces is the semi-coherent interface. Semi-
coherent interface is usually composed of two similar phase metals with a smaller lattice 
parameter mismatch. The semi-coherent interface has continuing lattice at many places of 
interface, however, possesses periodical non-continuous mismatch dislocations to reduce the 
mismatch strain as well. In the thesis, we have chosen a metallic nanolayer system with semi-
coherent interface, the Cu/Ag nanolayer composite, as the model system for our study. 
 
2.2 Interlayer Thickness Dependent Strengthening Mechanisms 
 Different interfaces give different barrier effects to the transmission of deformation. In 
coherent interfaces, the slip planes and directions are nearly continuous across the interface, and 
dislocations (line defects in the crystal) are readily transmitted. For semi-coherent or incoherent 
interfaces, high resolved shear stress is required for slip transmission since the slip planes and 
directions are discontinuous. In addition to the structure of the interlayer interface, the 
strengthening behavior of metallic nanolayers is highly dependent on the interlayer thickness. To-
date four different strengthening mechanisms have been proposed. See Figure 2.1.  
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 Mechanism 1. At interlayer thickness of over a hundred nanometers, the strengthening 
mechanism follows the Hall-Petch model [24-26]. In this mechanism, dislocations pile up at 
interlayer interfaces of metallic nanolayers, forming a stress concentration site. When the external 
stress increases to cause the local stress to exceed the barrier strength, the piled-up dislocations 
are transmitted by slip across the interface. When the interlayer spacing is thinner, the density of 
dislocations within the interlayer is smaller due to the reduction in the density of defect sources; 
the stress concentration associated with dislocation pile-up is lower, and a large external stress is 
required for slip transmission across the interface. Therefore, the yield strength of the nanolayer, 
𝜎𝑦, is inversely related to the interlayer thickness h by the relationship 𝜎𝑦 ∝ ℎ−12.  
 
 Mechanism 2. At interlayer thickness of a few to tens of nanometers, where there are 
insufficient defect sources for dislocation pile-up at the interface to occur, a confined layer slip 
mechanism has been reported [10,27]. This mechanism involves the formation of Orowan 
dislocation bows within the individual interlayers, which glide along the confines of the 
interlayers. Anderson et al. [27] shows that the Orowan bows may form a bowed loop which 
crosses the interlayer interface when the external stress exceeds a certain critical limit. The 
relationship between 𝜎𝑦 and h in the confined layer slip mechanism is 𝜎𝑦 ∝ ℎ−1ln (ℎ). 
 
 Mechanism 3. At layer thickness of a few nanometers scale, the dominant strengthening 
mechanism is the transmission of single dislocation slip, which results in ultra-high strength of the 
nanolayers [28,29]. This mechanism is exacerbated by the large in-plane mismatch stresses 
varying from tensile to compressive in successive alternating layers, which increase the barrier to 
dislocation transmission across the interlayer interfaces.   
 
 Mechanism 4. Some experiments have reported a continuous strengthening of the nanolayers 
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even down to interlayer thicknesses of ~ 1-2 nm [3]. Other studies, however, have showed a 
transition point at ~5nm where the nanolayer strength saturates or decreases with further decrease 
in interlayer thicknesses [11], and have attributed this unusual observation to two possible 
explanations. The first explanation attributes the decrease of strength to the interlayer thickness 
reaching the dimensions of the individual dislocation cores [30]. The second explanation suggests 
a loss of interface coherency with the thinning of the interlayers to below 2 nm, which reduces the 
barrier strength for dislocation slip transmission [21]. The latter explanation, however, may not be 
valid for Cu/Ag nanolayers, since scanning tunneling microscopy (STM) observations [31] 
demonstrate that the mismatch dislocations form even with the deposition of a single monolayer 
Ag atoms on a Cu substrate.  
 
2.3 Dislocation Slip versus Deformation Twinning  
 There are two major operative deformation mechanisms in metals and their composites: 
dislocation glide (slip) and deformation twinning. Dislocations are line defects in the crystal, and 
glide only on certain crystallographic planes. In face-centered cubic (FCC) metals, the glide plane 
is always the family of close-packed {111} planes, while the slip direction is <110>. Material 
deformation is then accommodated by multiple dislocation slips. Deformation twinning, on the 
other hand, is a highly coherent inelastic shearing process, which permanently alters the 
orientation of the crystal [32,33]. In deformation twinning, only a small movement of atoms 
occurs but in a cooperative fashion, resulting in two separate crystal structures which are 
symmetric about a common twin boundary. See Figure 2.2 for comparison between dislocation 
slip and deformation twinning. 
 
 The high symmetry crystals with multiple slip systems, such as FCC metals, favor 
deformation by dislocation glide. In metallic nanolayers, the dislocation pile-up and confined 
layer slip mechanisms proposed in the literature are different dislocation slip mechanisms. In 
8 
 
coarse-grained (CG) FCC metals, deformation twinning has been observed but only at very high 
strain rates and at low temperatures. However, deformation twinning can more easily occur in 
nanoscale crystals. Liao [34] showed that deformation twinning occurs in nanocrystalline Cu at 
low strain rates and at room temperature, where the grain boundaries become sources for stacking 
faults and micro twinning partials. Molecular dynamics (MD) simulations by Zhang et al. [35] 
showed that such deformation twins contribute to the ultra-high-strength of nanoscale multilayer 
Cu by acting as barriers to dislocation slip. In this thesis, we show that deformation twinning is 
the dominant deformation mode and is triggered by the presence of imperfections such as micro-
cracks and columnar grain boundaries in the metallic nanolayers. 
 
2.4 Review of Cu/Ag Nanolayer Research  
 Mechanical tests of Cu/Ag nanolayers have mainly been carried out under compression. 
McKeown et al. [36] fabricated Cu/Ag nanolayers with < 111 > texture interface by electron-
beam evaporation at room temperature, and with interlayer thicknesses of 1.2 nm to 200 nm. 
These Cu/Ag nanolayers were subjected to nanoindentation test, and the post-deformed structure 
was observed by transmission electron microscopy (TEM) and atomic-force microscopy (AFM) 
imaging. The results of this study showed that the decrease in the interlayer thickness from 200 
nm to 1.2 nm increased the measured hardness continuously from 2GPa to almost 5GPa. Huang 
and Spaepen conducted one of the first tensile testing of Cu/Ag nanolayers using micro electro 
mechanical systems (MEMS) [12]. They showed that the tensile yield strength of Cu/Ag 
nanolayers increases with the decrease in interlayer thickness as expected. For the Cu/Ag 
nanolayers with ~2 nm interlayer thicknesses, a tensile peak of ~700MPa was reached prior to 
failure. The much lower tensile strength compared to compression was attributed to the brittle 
fracture of the Cu/Ag nanolayer before reaching the yield strength. Combined tensile testing and 
nanoindentation hardness measurements of the Cu/Ag nanolayers (with larger interlayer 
thicknesses to avoid brittle fracture) also show that the tensile yield strength was almost a factor 
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of two lower than the compressive yield strength for nanolayers of the same interlayer thickness 
[3]. See Figure 2.3 and Figure 2.4, we postulate that these conflicting observations may be 
associated with different plasticity mechanisms that are operative under tension and compression. 
 
 Numerical simulations on Cu/Ag nanolayers have mainly focused on the coherency of the 
interface and the interface-dislocation interaction mechanisms. Li et al. [37] present a two-
dimensional quasi-continuum analysis for Cu/Ag nanolayers under nanoindentation. They 
discover that dislocations emitted under compression originate from the misfit dislocations at the 
interlayer interfaces. More recently, Wang et al. [38] showed that the semi-coherent structure of 
the Cu/Ag interface can facilitate the transmission of deformation twins from Ag to Cu: a 
phenomenon which is somewhat unusual since the growth of deformation twins does not easily 
happen in bulk Cu. 
 
 The motivation for this thesis is to better understand the plastic deformation mechanisms 
activated in Cu/Ag nanolayers under tension. We will adopt MD simulations to explore the role of 
microstructural flaws such as micro-cracks and grain boundaries in possibly explaining the 
conflicting experimental observations reported under tension and compression, and discrepancies 
between simulation results and experiments. 
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2.5 Figures 
             
Figure 2.1: Layer thickness dependent strengthening mechanisms in metallic nanolayers [11] 
 
Figure 2.2: Deformation mechanisms in metals and composites: (a) slip; (b) twinning [39] 
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Figure 2.3 Experimental stress-strain responses of tensile tests for Cu/Ag nanolayers in 
various layer thickness [3] 
 
 
Figure 2.4 Results of Indentation and tensile experiments for Cu/Ag nanolayers in different 
layer thickness. [3] 
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CHAPTER 3 SIMULATION METHODS 
3.1 Background of Molecular Dynamics 
 Molecular dynamics (MD) is a N-body numerical method to simulate physical movements of 
atoms or molecules [40-42]. In MD simulations, atoms are treated as solid spheres without 
considering the internal electron structures; and the atoms interaction is governed by classical 
Newtonian mechanics, i.e. F = ma. An essential part of MD simulations is the choice of the 
interaction potential. These potentials are calculated by ab-initio methods based on density 
function theory (DFT), or are fitted empirically by experiments. They represent the relationship 
between potential energy and relative coordinates of a pair of atoms (in the case of a 2-body 
potential) or multiple atoms (for multi-body potentials). The forces required in the time 
integration are obtained from the gradient of selected potential energy functions. Thus, once given 
an initial set of positions and velocities, the subsequent time evolutions of interacting atoms are 
followed by integrating their equations of motion. MD simulation is a statistical mechanics 
method. The physical quantities in statistical physics are conveyed by averaging the 
configurations distributed in a certain statistical ensemble. Thus from the integrated trajectory data 
(coordinate, velocity and acceleration) in MD, a measurement of physical properties of the system 
is obtained by an arithmetic average of all the trajectory configurations. The statistical physics 
links the microscopic behavior and thermodynamic properties of the atoms in models [41]. 
 
 There are still some limitations in the use of MD simulations, with the most significant being 
the number of atoms that can be included in the model. Even with current parallel super-
computational capabilities, only a maximum of several millions of atoms can be simulated in MD, 
which corresponds to length-scales on the order of a few microns. Another issue is the problem 
with time-scales. In MD, modeling the frequency of atoms vibration (300 K simulation) requires 
~femtoseconds time-scale. Therefore, computational capabilities limit the MD simulations to 
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time-scales of less than one microsecond. To circumvent this issue, the simulations are typically 
conducted at unrealistically high strain rates of ~108 s-1. Additional limitations include difficulties 
in high-temperature simulations (potential sensitive), extraction of continuum-equivalent 
properties, etc. [40]. In spite of these limitations, MD simulations can complement experiments by 
providing insights into the possible nanoscale mechanisms, which cannot easily be captured by in-
situ or postmortem experiment observations. 
 
3.2 Interface Structure Modeling 
 Bottom-up layer-by-layer sequential sputter deposition allows nanolayer films with highly 
controlled and uniform layer thicknesses to be fabricated [43,44]. In Cu/Ag nanolayers fabricated 
by sputter deposition techniques, the orientation of Cu and Ag in the deposition direction is < 111 >, since the {111} interface with 0° twist angle has the lowest energy [3]. In the thesis, we 
align the {111} Cu/Ag interlayers to be normal to the tensile direction in our molecular dynamics 
(MD) model. Although the lattices of both Cu and Ag are face centered cubic (FCC), their 
significantly different lattice parameters of 0.36 nm for Cu versus 0.41 nm for Ag induces a large 
lattice mismatch of 12.1%, resulting in a semi-coherent structure discussed in Chapter 2. In order 
to minimize the lattice misfit between two composites, additional lines of atoms are introduced to 
form the 𝑏𝑟 = 16 < 112 > misfit dislocations along < 110 > directions. In the {111} plane, the 
net of misfit dislocations forms a triangular structure, in which part of interface atoms move from 
FCC position to hexagonal closest-packed (HCP) position [31]. In the thesis, accordingly, we 
periodically introduce mismatch dislocations in MD model by building Cu, Ag bulk models 
separately. Since the Ag and Cu atoms have bulk lattice ratio d (Ag)/d (Cu) close to 9/8, at 
selected directions ([11�0]  and [112�]) on the (111) plane we manually set each 9 Cu atoms 
commensurate to each 8 Ag atoms at each line. The initial distance between the Cu layer and Ag 
layer at [111] direction is set to be 0.8?̇?. After subjecting them to energy minimization, the model 
forms the semi-coherent interface structure as shown in Figure 3.1: in each edge of triangle, 
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<110>, lays eight atoms in FCC structure (red) and then separated by a mismatch dislocation line 
(white or blue). This Cu/Ag interlayer structure in our MD model is in good agreement with that 
observed experimentally by transmission electron microscopy STM imaging in the inset of Figure 
3.1 [31,45].  
 
3.3 MD Model Set-up 
 This thesis models idealized pristine Cu/Ag nanolayer structure comprising of single crystal 
Cu/Ag bi-metals, and polycrystalline Cu/Ag nanolayer structure with columnar grain boundaries.  
  
 In the pristine Cu/Ag nanolayer model, the Cu/Ag interface, (111), is normal to the 𝑥2 axis, 
which is also the loading direction, while crystal orientations of the Cu and Ag interlayers are [11�0] and [112�] in the 𝑥1 and 𝑥3 directions respectively (Figure 3.2). In order to fulfill the ratio of 
9/8 for Cu/Ag atoms at 𝑥1  and 𝑥3  directions on (111) plane, as well as the requirement of a 
consistent length for Cu and Ag layer at 𝑥1 and 𝑥3 directions to form sufficient large periodic box, 
the model size at 𝑥1 × 𝑥3dimensions are fixed at 9.2 × 23.4𝑛𝑛. The dimension D of the model 
along the 𝑥2 axis varies from 16 to 64 nm. Periodic boundary conditions are imposed at all three 
directions, resulting in a multilayer structure which has infinite dimensions in length and overall 
thickness. The Cu and Ag have the same interlayer thickness, h, which is varied from 2 nm to 16 
nm. Table 3.1 summarizes the model details for all the conducted simulations on pristine Cu/Ag 
nanolayers. A typical pristine Cu/Ag nanolayer simulation box is shown in Figure 3.3 
(h=4nm/D=32nm), where the blue and yellow atoms represent Cu and Ag respectively.  
 
 Transmission electron microscopy (TEM) images of Cu/Ag nanolayers fabricated by bottom-
up layer-by-layer sequential sputter deposition show that the interlayers contain flaws in the form 
of columnar grain boundaries [3]. For the simulation of polycrystalline Cu/Ag nanolayers, a new 
model with columnar grain boundary extending throughout the entire nanolayer structure is 
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constructed. As depicted in Figure 3.4, each interlayer has four grains with equal size. The size, 
denoted by L, is the maximum length within one hexagon and varies from 20nm to 80nm in 
different models. The (111) plane for Cu and Ag in all grains is normal to the 𝑥2 axis. In the Grain 
1, 𝑥1  and 𝑥3  axes represent [1�10]  and [112�]  directions, while Grain 2, 3 and 4 are built by 
rotating Grain 1 in 90°, 30°, 60° count clockwise about the 𝑥2 axis respectively. The interlayer 
thickness, h, ranges from 2 nm to 8 nm. For all cases, we fix the simulation box length at 
𝑥2direction, D = 16 nm. In Table 2, we denote detailed information for all the polycrystalline 
models. The MD models comprise of ~300,000 atoms for L = 20 nm, and up to ~5,000,000 atoms 
for L = 80 nm which represents the most computationally intensive case. Periodic boundary 
conditions are imposed in all three directions. The polycrystalline model is constructed with the 
following procedure: 1. Build two neighboring grains with the assigned orientations 
independently; 2. Delete all the atoms overlapping the grain boundary; 3. Record pairs of atoms 
on opposite sides of the boundary that are too close (criteria used in the thesis is <0.5 ?̇?); 4. 
Replace both these atoms with a new atom located at the center of each of these pairs of atoms.  
 
 The potential energy function used in this thesis is an embedded atom method (EAM) 
potential for Cu/Ag alloys [46]. This EAM potential considers both the pair-wise potential 
component, as well as a component representing the energy required to embed an atom within the 
electron density created by surrounding atoms. Therefore this EAM potential is a multi-body 
potential with a cutoff radius. The potential function we have selected has been validated in 
previous MD simulations for Cu/Ag alloys [38,47].  
 
3.4 MD Simulation Process 
 Large-scale multi-cores MD parallel simulations are performed using the classical MD code 
LAMMPS [48]. Specific number of cores used to compute each simulation model can be found in 
Table 3.1 and Table 3.2. All the parallel calculations are conducted on the TACC computing 
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resources. Time-step selected in the study is one femtosecond. The model is first subject to an 
energy minimization process by using the conjugate gradient method, to reach a local minimum 
for the whole model at static status. After energy minimization, the MD model is heated up to a 
temperature of 300K in steps: 1. Setting thermal dynamics velocity (temperature) to be 300K with 
an ensemble of velocities. 2. Rescaling the system at 300K by explicitly rescaling atoms’ 
velocities for 30 picoseconds. During the time, the dimensions of the simulation box and atoms 
coordinates are adjusted each step by a Berendsen barostat [49] to ensure that the MD model is 
anisotropically stress-free in the 𝑥1, 𝑥2, 𝑥3 directions prior to loading. The final adjusted model 
reaches a zero pressure at all directions with volume varied less than 1% in length, which proves 
that the damping method for pressure resetting is acceptable. We conduct both tensile and 
compression simulations by deforming the simulation box in the 𝑥2  axis at the strain rate of ±108𝑠−1, while fixing the box size in the 𝑥1 and 𝑥3 directions. This strain rate is selected purely 
due to limitation in the MD simulation time-scale. The effects of strain rate will be separately 
discussed in the Chapter 4. During the loading simulation, temperature is subsequently maintained 
at 300 K by a Berendsen thermostat by rescaling it every 10 time-steps with an acceptable error of ±5𝐾. 
 
 The mechanical properties of the Cu/Ag nanolayer are primarily characterized by 
macroscopic stress-strain curve measurements. In order to obtain the macroscopic stress in MD 
simulation, virial stress theory [50] is applied. For a single atom, the stress tensor is defined as 
[51] 
𝑆𝑎𝑎 = −[𝑛𝑣𝑎𝑣𝑎 + 12�(𝑟1𝑎𝐹1𝑎 + 𝑟2𝑎𝐹2𝑎)𝑁𝑁
𝑛=1
+ 12�(𝑟1𝑎𝐹1𝑎 + 𝑟2𝑎𝐹2𝑎)𝑁𝑎
𝑛=1
+ 
1
3
∑ (𝑟1𝑎𝐹1𝑎 + 𝑟2𝑎𝐹2𝑎 + 𝑟3𝑎𝐹3𝑎)𝑁𝑎𝑛=1 + ⋯ ]                                      (3.1) 
 
where on the RHS, the first term is the kinetic energy contribution for the atom; the second term is 
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a pairwise interaction energy contribution; the third term represents a bond energy contribution; 
and the fourth term is the angle contribution. In the thesis, the virial stresses from the individual 
atoms are added together and averaged over the current deformed volume to represent the Cauchy 
stress. 
 
For the unloading and reloading simulations in this thesis, we unload the model at the strain rate 
of −108𝑠−1 until the measured macroscopic stress component in the 𝑥2 direction reduces to zero 
[52]. The reloading process is subsequently conducted on the unloaded simulation box at strain 
rates of 108𝑠−1.  
 
3.5 Deformed Atomic Configurations in MD Simulations 
 The atomic configurations during deformation are displayed by the visualization software 
Visual Molecular Dynamics (VMD). In most cases, we filter the atomic configurations for 
visualizing the flaws inside Cu/Ag nanolayers based on the centro-symmetry parameter [53], 
which is defined as 
𝐶𝑆 = ∑ |𝑅𝚤���⃑ + 𝑅𝚤+𝑁/2������������⃑ |2𝑁/2𝑖=1                                                     (3.2) 
where N is the number of the nearest neighbors for individual atoms. For an FCC metal, the 
number of nearest neighbors is 24. If the atom is in a perfect bulk FCC crystal, the CSP value is 0. 
However the CSP value increases corresponding to the presence of stacking faults, dislocation 
cores and free surfaces. In this thesis, we use CSP = 4 as the filter for perfect FCC atoms, and CSP 
= 10 as the location for incipient cracks.  
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3.6 Figures 
 
Figure 3.1 Top view of the (111) Cu/Ag interlayer interface, colored by the centro-symmetric 
parameter [28]. The interface comprises of a triangular network of Shockley partials 
dissociated from lattice mismatch dislocations. Inset shows STM imaging of Cu/Ag 
interlayer interface structure [24] 
 
 
Figure 3.2 (a) Schematic of a periodic bi-metal Cu/Ag nanolayers. The Cu and Ag (111) 
interlayers have equal thickness h, and are orientated normal to the loading (𝑥2) direction. 
 
19 
 
 
Figure 3.3 Typical MD simulation box for pristine Cu/Ag nanolayers (h=4nm, D=32nm) 
 
Figure 3.4 Schematic of a polycrystalline bi-metal Cu/Ag nanolayer system. Each interlayer 
has four hexagonal grains of equal size L rotated at different angles about the x2 [111] axis. 
The columnar grain boundaries extend throughout the periodic nanolayer system 
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3.7 Tables 
 
Model No. h (nm) D (nm) No. of atoms No. of cores 
1 2 16 169216 48 
2 4 16 168128 48 
3 8 16 168128 48 
4 2 32 338432 48 
5 4 32 336256 48 
6 8 32 336256 48 
7 16 32 338848 48 
8 2 64 676864 48 
9 4 64 672512 48 
10 8 64 672512 48 
11 16 64 677696 48 
 
Table 3.1:Information of pristine Cu/Ag nanolayer models 
 
 
Model No. h (nm) D (nm) No. of atoms No. of cores 
1 2 20 297129 48 
2 2 40 1190425 96 
3 4 40 1182710 96 
4 8 40 1182668 96 
5 2 80 4774086 96 
6 4 80 4743495 96 
7 8 80 4743664 96 
 
Table 3.2:Information of polycrystalline Cu/Ag nanolayer models 
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CHAPTER 4 PRISTINE CU/AG NANOLAYER SIMULATIONS 
4.1 Nucleation of Incipient Micro-Cracks 
 Figure 4.1 shows the stress-strain response of pristine Cu/Ag nanolayers with crystalline 
lattice structures subjected to uniaxial tensile stretching. All the models are uniaxial loaded until a 
strain of 𝜀22 = 0.10 is reached. Results show that the different Cu/Ag nanolayer models have the 
same elastic modulus and axial strength. Although nanoindentation experiments have reported that 
the strength of Cu/Ag nanolayers arises from the semi-coherent interlayer interface structures 
which trap dislocations, our simulations reveal an absence of dislocation activity in the Cu/Ag 
interlayers before reaching the peak axial strength of ~9GPa. These observations suggest that (a) 
the mechanical properties of pristine Cu/Ag nanolayers are independent of both h and D, and (b) 
the interlayer interfaces do not contribute to any strengthening mechanisms under tension.  
 
 At the peak axial load, the cohesive strength of the Ag metal is reached, and flaws in the form 
of vacancy clusters (incipient cracks) begin to develop. The enforced model periodicity in the 
loading direction D now physically represents the periodic spacing between these incipient micro-
cracks. See schematic inset in Figure 4.1d. In the post-peak regime, stress-carrying capacity is 
rapidly reduced due to the nucleation of these incipient cracks. However, the Cu/Ag nanolayers 
with D = 16 nm possess a post-peak strength of ~2-3GPa which is sustained across unusually 
large strains, implying that the micro-crack never develops into a macro-crack. Correspondingly, 
models with larger crack period, D = 32 nm, possess post-peak strengths of roughly 1GPa. 
However, the post-peak stress carrying capacity for D = 64 nm drops almost immediately to zero, 
indicating that complete separation has occurred. The slight fluctuations about the zero line are 
associated with the release of acoustic energy after complete separation has occurred. 
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4.2 Twinning Partials Initiating from Incipient Micro-Cracks 
 We examine the deformed atomic structure for Cu/Ag nanolayer with h = 2 nm and D = 16 
nm in Figure 4.2. These atomic structures are taken from the VMD visualization software, post-
filtered by the CSP parameter so that atoms in a perfect FCC structure (CSP value less than 4) are 
not displayed. For visualization purposes, the location of the vacancy clusters (incipient micro-
cracks) is highlighted in red by a high CSP value of 10. Results show that the nucleation of the 
incipient micro-crack within the Ag interlayer precedes deformation twinning by emitting 
twinning partial dislocations. Twinning phenomenon always occurs at metals with low stacking 
fault. Thus, it is difficult for copper, which has relatively high stacking fault energy of 70~78𝑛𝑚/
𝑛2, to form deformation twins. However, in these models, the formation of micro-cracks in the 
Ag interlayers provides the source for a readily available supply of twinning partials to Cu. The 
simulations show that two-atomic-layers thick microtwins, comprising of pairs of 1
6
< 112 > 
Shockley partials on adjacent {111} slip-planes, are emitted from the micro-crack within the Ag 
interlayer. These microtwins are capable of transmission across multiple (111) Cu/Ag interlayer 
interfaces (Figure 4.2a); the process re-orientates each interface plane to another {111} plane, 
causing kinks of fixed angle, 2.2°, in the interlayer interfaces. Due to the existence of Cu/Ag 
interface, deformation twins can travel to the Cu interlayers and form microtwins inside Cu. This 
phenomenon is in good agreement with ref. [38].  
  
 With continuing deformation, more twinning partials are emitted, which allow the 
deformation microtwins to grow in length and thickness (Figure 4.2b). The deformation twins 
now span across the entire model domain, D, at the loading direction 𝑥2  and are locked by 
neighboring micro-cracks. Thereby, the deformation twins allow spatially separated periodic 
micro-cracks to communicate. Once the defects connect to each other, a certain micro-crack 
growth is intervened by the neighboring defects and plastic deformation is delocalized in the 
whole model area. This flaw communication mechanism allows the micro-cracks to evolve into 
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stable spherical voids, which grow slowly under subsequent deformation (Figure 4.2c). The 
delocalized fracture process explains the ~2-3GPa post-peak sustainable stress observed in Figure 
4.1a.  
 
 Figure 4.3 shows the deformed atomic structure for Cu/Ag nanolayer with h = 2 nm and D = 
64 nm. Similar to the case for D = 16 nm in Figure 4.2, vacancy clusters which nucleate within the 
Ag interlayer become sources for twinning partials (Figure 4.3a). However, the resulting two-
atomic-layer thick microtwins are unable to span the full spatial distance of D = 64 nm separating 
the periodic micro-cracks, before the supply of twinning partials from the source is exhausted 
(Figure 4.3b). This lack of communication between periodic micro-cracks infers that the 
deformation is highly localized. The micro-crack develops into an unstable macro-crack almost 
instantaneously (Figure 4.3c), leading to no appreciable post-peak stress-carrying capacity. 
Interestingly, the plastic zone comprising of high density of deformation microtwins in Figure 
4.3b is almost completely recovered after macro-crack formation in Figure 4.3c: our simulations 
show that the microtwins retract rapidly either to the crack surfaces, or are absorbed by the 
neighboring Cu/Ag interlayer interfaces. This unusual plastic strain recovery can be understood 
from an energetics perspective. Firstly, reorientation of the Cu/Ag interface by deformation 
twinning increases the Cu/Ag interface area by a factor of ℎ𝑡
3
, where ℎ𝑡  represents the twin 
thickness. Secondly, the transmission of 1
6
< 112 > twinning partials from the Ag phase into the 
Cu phase introduces an array of residual disconnections along the newly oriented {111} portion of 
the interface with burgers vector 𝑏𝑟 = 𝑎𝐴𝐴−𝑎𝐶𝐶6 < 112 > [38]. Both these factors are energetically 
unfavorable, and in the absence of twin locking mechanisms, will drive the detwinning of the 
Cu/Ag nanolayers to recover the defect-free planar interlayer structure upon unloading. 
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4.3 Discrepancies in Strength between Experiments and Simulations 
 Our simulations on pristine Cu/Ag nanolayer in Figure 4.1 predict a peak tensile strength of 
~9GPa, which is an order of magnitude higher than the ~700MPa tensile strength obtained in 
experiments [12]; the predicted stress-strain curves also have tensile stiffness nearly twice the 
value measured in experiments. In addition, nanolayer metals are known to exhibit interlayer 
thickness-dependent strengthening, while as mentioned above, the pre-peak deformation response 
of pristine Cu/Ag nanolayer is independent of h. Although the high loading rate of 108𝑠−1 in MD 
simulations compared to near quasi-static loading condition in experiments may account for some 
of the differences in the peak tensile strength, the differences in loading rates do not affect the 
tensile stiffness. See Figure 4.4, which shows the effects of strain rates of 109𝑠−1, 108𝑠−1, 107𝑠−1, 106𝑠−1 on the pre-peak deformation. Instead, our results in Figure 4.1- 
Figure 4.3 demonstrate that pre-existing flaws in the form of vacancy clusters or micro-cracks 
within the Cu/Ag nanolayers may play a major role in the deformation response of actual 
nanolayers. Depending on the proximity between micro-cracks, D, the nanolayers can exhibit 
ductile or brittle behavior. Contrary to common intuition, increasing the density of micro-cracks in 
the nanolayers can promote ductility by facilitating the communication between flaws via 
deformation twins. These pre-existing micro-cracks are the sources for twinning partials, and the 
interlayer thickness, h, now correlates with the availability of twinning partials to facilitate the 
growth of deformation twins in both length and thickness. At fixed micro-crack separation 
distances of D = 32 nm in Figure 4.1, for example, increasing the interlayer thickness from h = 2 
nm to h = 16 nm enhances the communication between the periodic micro-cracks by increasing 
the availability of twinning partials (supply more source for twinning partials); the sustainable 
post-peak 𝜎22  stress increases by a factor of two. Therefore, the strength and ductility of the 
nanolayer metal would depend on both the density of micro-cracks and layer thickness.  
  
 We perform stress-strain measurements on Cu/Ag nanolayer with pre-existing periodic micro-
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cracks. We assume that the density of micro-cracks scales in proportion with the density of 
interlayer interfaces, i.e. fixed h/D. The micro-cracks are introduced naturally in the Ag interlayer 
by nucleating the incipient crack with deformation, and unload the model to stress free status. The 
Cu/Ag nanolayers are then reloaded to measure their stress-strain response. Our results in Figure 
4.5 demonstrate that the nanolayers with fixed h/D ratios, which mean the same density of micro-
cracks, consistently exhibit increased strength with decreased interlayer thickness, which is akin 
to Hall-Petch type of relationship observed in experiments. The predicted strengths (1~4GPa) and 
tensile stiffness are also much closer to experimental results [12].  
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4.4 Figures 
 
Figure 4.1 Stress-strain response for pristine Cu/Ag nanolayers for four different interlayer 
thicknesses, h = 2, 4, 8 and 16 nm in (a) to (d). The periodic model lengths in the loading 
direction, D, represent the spacing between incipient micro-cracks, as schematically shown 
in the inset of (d). 
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Figure 4.2 Atomic configurations of the Cu/Ag nanolayers with h = 2 nm, D = 16 nm, 
filtered by the centro-symmetry parameter [28], at three instances during the deformation. 
The blue and yellow atoms represent defects in copper and silver, respectively, while the red 
atoms represent the void surface. An incipient micro-crack in (a) provides the source for 
twinning partials to induce deformation twinning in (b). The deformation twins connect 
periodic micro-cracks, which evolve into stable microvoids in (c). Inset in (c) shows cross-
sectional view of a [112] deformation twin crossing the (111) Cu/Ag interlayer interfaces, 
which re-orientates the interface plane to another {111} plane. 
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Figure 4.3 Atomic configurations of the Cu/Ag nanolayers with h = 2 nm, D = 64 nm at three 
instances during the deformation. Deformation twins in (b) originate from the incipient 
micro-crack in (a), but the twins cannot transverse the full span of D before supply of 
twinning partials from the source is exhausted. The micro-crack unstably grows in (c); the 
unloading at the crack drives the plastic strain recovery by detwinning. 
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Figure 4.4 Strain rate effects on the stress-strain response of pristine Cu/Ag nanolayers. 
 
 
Figure 4.5 Interlayer thickness, h, effects on the stress-strain curves for Cu/Ag nanolayers 
containing periodic micro-cracks with fixed h/D of 0.5 and 0.25 in (a) and (b). 
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CHAPTER 5. POLYCRYSTALLINE CU/AG NANOLAYER 
SIMULATIONS 
5.1 Grain-Boundary-Mediated Plasticity Mechanisms   
 The stress-strain response for the polycrystalline Cu/Ag nanolayer is summarized in Figure 
5.1. In the presence of columnar grain boundaries, the peak stress, 𝜎22, decreases by up to 30% 
compared to pristine nanolayers. Significant deviation in the stress-strain response also occurs at 
σ22 = ~3-5GPa, which indicates that yielding of the polycrystalline nanolayers has occurred. In 
contrast, the pristine nanolayers do not undergo yielding prior to nucleation of micro-cracks 
within the interlayers. Our simulations show a general trend of decreasing yield strength with 
increasing grain size L for h = 2 nm and h = 4 nm models. However, grain size effects (L = 40 nm 
versus L = 80 nm) are not apparent for h = 8 nm. These inconsistencies originate from two distinct 
types of deformation mechanisms occurring in the polycrystalline Cu/Ag nanolayers. Two typical 
cases are used to illustrate these mechanisms: (i) h = 4 nm, L = 40 nm in Figure 5.2, and (ii) h = 2 
nm, L = 40 nm in Figure 5.3. 
  
 As shown in Figure 5.2a, yielding point at σ22 = ~5GPa for h = 4 nm, L = 40 nm in Figure 5.1 
corresponds to the emission of two-atomic-layer thick twinning partials which originate from the 
columnar grain boundaries. Here, grain boundaries take place of the micro-crack to be the source 
of twinning partials and emit much earlier than that in pristine nanolayers. These microtwins grow 
in the <112> direction towards the opposite columnar grain boundary and across several Cu/Ag 
interlayers by passing the interior of the grains. Observe that the growth of microtwins on multiple 
non-parallel {111} planes, intersect and produce formidable locks that serve as strong obstacles to 
further growth of the twinning partials (Figure 5.2b). Then, continuing emission of twinning 
partials from the columnar grain boundaries causes the initial two-atom-thick microtwins to grow 
in thickness. Individual grain develops twinning system separately and there is no interaction 
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between deformation systems in different grains. Under further tensile loading, high stress 
concentration at the twin intersections (or lock) causes microvoids to nucleate and grow. See 
growth sequence of a microvoid in a (111) cross-section view of the Ag interlayer in Figure 5.2c-
e. The presence of the microvoid relaxes the stress-state in the surrounding, which allows some of 
the deformation microtwins to retreat (compare Figure 5.2b and Figure 5.2f). However, the 
microvoids are also sources for twinning partials that assist in further growth and thickening of 
the deformation microtwins under subsequent deformation (Figure 5.2g). The obstruction to the 
growth of these twinning partials at existing twin intersections can in turn induce secondary 
microvoids to nucleate. Microvoids grow to the grain boundary surface and then evolve along the 
surface. Throughout the deformation, the microvoid growth is confined within the Ag interlayer; 
while the neighboring Cu interlayers remain intact (Figure 5.2g).  
 
 The Cu/Ag interlayer interfaces for h = 4 nm, L = 40 nm in Figure 5.2 remain planar 
throughout the deformation process. In contrast, our simulations for h = 2 nm, L = 40 nm in 
Figure 5.3a show that the initially planar interlayers evolve with the tensile loading process to 
become wavy. This planar-to-wavy transition occurs between 0.02 < 𝜀22 < 0.03 , and the 
corresponding wavy amplitude evolves with deformation. Both the valleys and peaks of the wavy 
interfaces reside at the columnar grain boundaries, resulting in a fixed periodic wavelength of 2L. 
These wavy structures predicted by MD simulations are uncannily similar to the wavy interfaces 
seen in cross-sectional TEM images of Cu/Ag nanolayers after tensile deformation in Figure 5.3b 
[3]. In fact, the microstructure of these nanolayers is found to have columnar grains of L = ~100-
150 nm in diameter, which are very close to the half-wave-period seen in the TEM image in 
Figure 5.3b. At strain of 𝜀22  = 0.033, twinning partials are emitted from the columnar grain 
boundaries, which are the same as in the h = 4nm, L = 40 nm model in Figure 5.2, but the wavy 
morphology of the Cu/Ag nanolayers limits the growth of the deformation twins. At sufficiently 
high strains, vacancy clusters nucleate at the columnar grain boundaries and evolve to form a 
micro-crack (Figure 5.4a). The micro-crack then grows intergranularly along the grain boundary 
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both within the interlayer structure as well as columnarly across the different interlayers, which is 
quite different from that in the h = 4nm, L = 40 nm model. This pattern of morphological 
evolution and columnarly crack propagation is similarly observed and intensified for Cu/Ag 
nanolayer with h = 2 nm, L = 80 nm (Figure 5.4b).  
 
5.2 Transition from Planar to Wavy Interlayer Interfaces 
 While wavy nanolayer interfaces have been observed during the He ion irradiation of Cu/Nb 
nanolayers [9], the mechanism of planar-to-wavy interlayer transition activated under tensile 
loading is very different. Unlike ion irradiation, where the wavy interfaces are due to high in-
plane compressive stress generated by trapped foreign atoms, the stretching of Cu/Ag nanolayer in 
the 𝑥2 direction can only induce biaxial tensile stress in (111) plane by the Poisson’s ratio effect. 
Instead, we have uncovered a unique interlayer interface migration mechanism, which is driven by 
the stored elastic strain energy associated with the lattice misfit stresses in Cu/Ag nanolayer. 
Figure 5.5 shows the evolution of residual mismatch stresses 𝜎𝑅 = (𝜎𝑚𝑚𝑚−𝜎𝑚𝑚𝑚)2  and wavy 
amplitude ζ with deformation. At each 0.5% strain increment, we divide an entire simulation 
domain in the x2 direction into equal sub-domains of thickness h/2, and average the in-plane virial 
stresses (𝜎11,𝜎33) within each sub-domain; 𝜎𝑚𝑎𝑚 and 𝜎𝑚𝑖𝑛 are then the maximum and minimum 
in-plane sub-domain stresses in our nanolayer model. Due to the difficulties in precisely averaging 
the wavy amplitude ζ across the entire nanolayer interface, we simply track the average amplitude 
evolution with deformation as observed from a single planar cross-sectional cut. Our simulations 
show that the interlayers with h/L = 0.05 evolve to become wavy, while interlayers with h/L = 0.1 
remain planar. For interlayers with h/L = 0.05, the rapid increase in ζ with deformation 
corresponds to a rapid decrease in 𝜎𝑅. In contrast, 𝜎𝑅 decays slowly with deformation for h/L = 
0.1, as well as for the pristine nanolayers. Therefore, these results suggest that: (a) the planar-to-
wavy interface migration is only triggered for nanolayers within a critical range of h/L ratios, (b) 
the driving force for wavy interface formation is the relaxation of the initial lattice mismatch 
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stress of 𝜎𝑅 = ±0.8 𝐺𝐺𝐺 in the Cu/Ag nanolayer, (c) this mechanism is only activated at a critical 
strain of 𝜀22 = 0.02, and (d) the wavy interlayer amplitude saturates at 2ζ → h.  
 
 We outline the mechanism for planar-to-wavy interlayer interface transition under tension in 
Figure 5.6. Consider the configuration energy change between a Cu/Ag wavy nanolayer interface 
and a planar interface in the absence of external loading (𝜎22 = 0) 
𝑑𝑑𝑐 = 𝑑(𝐸𝑟𝑟𝑟𝑖𝑟𝑟𝑎𝑟 + 𝐸𝑖𝑛𝑡𝑟𝑟𝑖𝑎𝑐𝑟 + 𝐸𝑎𝑟𝑛𝑟𝑖𝑛𝑏)                   (5.1) 
where 𝐸𝑟𝑟𝑟𝑖𝑟𝑟𝑎𝑟 , 𝐸𝑖𝑛𝑡𝑟𝑟𝑖𝑎𝑐𝑟 , and 𝐸𝑎𝑟𝑛𝑟𝑖𝑛𝑏  are the mismatch strain energy, Cu/Ag interlayer 
interface energy, and bending energy of the Cu/Ag interlayers respectively. For the morphological 
transition of the Cu/Ag interlayers from planar to wavy, 𝑑𝑑𝑐 < 0.  
 
 In the absence of external loading, the planar Cu and Ag interlayers have lattice mismatch 
stresses of 𝜎𝑅 = ±0.8 𝐺𝐺𝐺  (Fig. 11a). The transition of the interlayers from planar to wavy 
relaxes much of 𝜎𝑅, but only when the wavy amplitude ζ exceeds 0.5h. This can be understood 
from a purely geometrical point of view that the proportion of Cu and Ag atoms from an arbitrary 
horizontal in-plane cut are roughly equal only when ζ ≥ 0.5h. See dashed lines in Figure 5.3a. The 
in-plane elastic mismatch strain energy (per grain of bilayer Cu/Ag of total thickness h) released 
by the biaxial warping of the Cu/Ag nanolayer is given by [21] 
                                        (5.2) 
where ECu, νCu, and EAg, νAg are the elastic modulus and Poisson’s ratio for Cu and Ag, and 
 is the shape factor for the hexagonal grain. (See Appendix A.1 for the derivation) 
 
 The warping of the interlayer interface increases the Cu/Ag interface energy. Our MD 
simulations show that the interlayer interface structure still remains {111} and comprises of 
roughly the same number of Cu/Ag atoms bounding the interface. See the evolvement of 
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interlayer interface for wavy polycrystalline Cu/Ag nanolayer in Figure 5.7. The interfaces are 
therefore elastically stretched to fit the contoured shape. Assuming that the critical amplitude for 
wavy morphology is ζ = 0.5h, the corresponding increase in interface energy can be expressed as  
       (5.3) 
where  represents the energy required to increase the interface area while 
keeping the number of atoms at the interface constant,  the interface energy, and A the area of 
the interface. For the {111} Cu/Ag interlayer interface, [54]. (See Appendix A.2 for 
the derivation) 
 
 The energy associated with elastic bending of the interlayer scales with [55] 
        (5.4) 
This bending energy can be reduced by redistributing dislocations in grain boundary by climb 
from the inner to outer bends. In pristine nanolayers, dislocation climb has to be thermally 
activated. Thus the interlayers of pristine Cu/Ag nanolayer do not become wavy at room 
temperature. The activation energy for climb along grain boundaries, however, is around 40% 
lower than in the bulk. Under tensile loading, the Poisson’s effect causes biaxial in-plane tension 
in the nanolayers, which stretches the columnar grain boundaries and further reduces the 
activation energy for climb (Figure 5.6b). Our simulations show that a critical axial strain of 
𝜀22 = 0.02 is necessary to activate the morphological transition of the nanolayers from planar to 
wavy. The redistribution of dislocations will significantly reduce the bending curvature, resulting 
in a kinked interlayer structure (Figure 5.6c). Once the interlayers have transitioned to become 
wavy, the wavy (albeit kinked) nanolayer structure will be maintained even after unloading since 
the energy state will be lower than its pre-deformed state. Therefore, the planar-to-wavy 
morphological transition constitutes a new plastic deformation mechanism in nanolayer metals.  
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 Our MD simulations show that the transition of the interlayers from planar to wavy depends 
critically on the layer thickness to grain size ratio h/L. Taking 𝐸𝐶𝑟 = 190GPa,𝐸𝐴𝑏 =119GPa, 𝜈𝐶𝑟 = 0.3, and 𝜈𝐴𝑏 = 0.37, the criterion 𝑑𝑑𝑐 < 0 can be rewritten as 
−0.002ℎ + 0.3 �ℎ
𝐿
�
2 + O �ℎ �ℎ
𝐿
�
4
� < 0      (5.5) 
 The elastic bending contribution (3rd term in (5.5)) scales with (ℎ/𝐿)4, and can be neglected 
when ℎ/𝐿 is small. Assuming this to be the case for h/L = 0.05, the criterion in (5.5) predicts that 
the Cu/Ag nanolayer will become wavy for all h > 0.42 nm. When h/L = 0.1, the 1st and 2nd 
terms in (5.5) become of the same order, but the bending contribution increases by 16 times; the 
Cu/Ag nanolayers are expected to remain planar throughout the deformation. We have 
systematically conducted MD simulations for Cu/Ag nanolayers spanning the range of 2𝑛𝑛 ≤
ℎ ≤ 8𝑛𝑛  with 0.025 ≤ ℎ/𝐿 ≤ 0.4 (See Table 5.1), and have found that the transition of the 
nanolayer structure from planar to wavy consistently occurs between ℎ/𝐿 =  0.05 and 0.1, which 
is in good agreement with (5.5). 
 
5.3 Plastic Recovery Processes 
 We have performed unloading simulations for selected deformed polycrystalline models at 
various stages of the deformation, and have uncovered unusual mechanisms of plastic strain 
recovery which are not found in conventional bulk metals. In the polycrystalline Cu/Ag model 
with h = 2nm, L = 40nm, we separately unload the deformed structure at strain levels of 𝜀22 = 
0.03, 0.06 and 0.09. Figure 5.8a shows the stress-strain response during the unloading process and 
Figure 5.8b displays the atomic configurations before and after the unloading process. Observe 
that all three unloaded structures in Figure 5.8b (right) remain wavy (kink), suggesting that the 
wavy interface is energetically favorable. In addition, from the stress-strain response in Figure 
5.8a, there still exists plastic strain of 𝜖22
𝑁 = 0.003 after the stress reaches zero. This observation 
proves our explanation of planar-to-wavy mechanism, and demonstrates that the morphological 
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transition is a plastic process. A slight change of elastic modulus is also observed from the 
unloading stress-strain response of 𝜀22 = 0.06  in Figure 5.8a, presumably due to the wavy 
interlayer structure.  
 
 Figure 5.9 describes the unloading process of polycrystalline model with h = 4 nm, L = 20 
nm from a strain level of 𝜀22 = 0.04. In the absence of planar-to-wavy transition, the plastic 
deformation here is purely by deformation twinning. During the unloading process, the 
deformation twins continue to grow to span the whole grains even though the loading direction is 
reversed (see Figure 5.9c). However, at strains of 𝜀22 = 0.01 (Figure 5.9d), the twinning partials 
retreat back to the columnar grain boundaries, and a deformation-twin-free structure is recovered 
(Figure 5.9e). See stress-strain response in Figure 5.9a, where the unusual plastic recovery 
coincides with the retreat of the deformation twins. Prior to unloading beyond 𝜀22 = 0.01, the 
unloading stress-strain curve possesses the same slope as the loading process, unlike the case for 
planar-to-wavy morphological transition.  
 
 As we discussed in Section 4.1, the plastic recovery is probably driven by energetics, i.e. 
fully recovered structure has a lower overall energy compared to the plastically deformed 
structure. Why do the twinning partials retreat to the grain boundaries after unloading? Why does 
this plastic recovery mechanism happen only near the end of the unloading process? Can we 
design the nanostructure to control this plastic recovery process? Answering these open questions 
requires more detailed studies. 
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5.4 Figures 
 
Figure 5.1 Grain size effects L on the stress-strain curves for polycrystalline Cu/Ag 
nanolayers with three different interlayer thickness of h = 2, 4, and 8 nm in (a) to (c). 
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Figure 5.2 Atomic configurations of the polycrystalline Cu/Ag nanolayers with h = 4 nm, L = 
40 nm during deformation. (a) Initiation of microtwins from the columnar grain boundaries. 
(b,f,g) Twin growth, twin thickening, and twin intersections in a cross-sectional view of the 
Cu/Ag nanolayers. (c,d,e) Growth sequence of a microvoid initiating at twin intersections in 
a (111) cross-sectional view of the Ag interlayer. 
 
39 
 
 
 
Figure 5.3 (a) Interlayer interface migration in polycrystalline Cu/Ag nanolayers with h = 
2nm, L = 40 nm, resulting in morphological transition of the initially planar interlayers to 
become wavy. (b) TEM image of wavy Cu/Ag nanolayers after tensile deformation [3]. 
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Figure 5.4 Micro-crack initiation and growth along columnar grain boundaries in 
polycrystalline Cu/Ag nanolayers after planar-to-wavy morphological transition, with (a) h = 
2nm, L = 40 nm, and (b) h = 2 nm, L = 80 nm. 
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Figure 5.5 Evolution of the (a) residual mismatch stress 𝜎𝑅 and (b) wavy amplitude ζ with 
loading for polycrystalline Cu/Ag nanolayers. Morphological transition of the interlayers 
from planar to wavy occurs at h/L ratios of 0.05 and not 0.1. 
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Figure 5.6 Mechanism for interlayer interface migration. (a) Lattice mismatch stress 𝜎𝑅 is 
relaxed when the wavy amplitude ζ exceeds 0.5h, and is the driving force for the morphology 
transition. (b) The transition increases both the interface energy and bending energy 
associated with wavy morphology. The bending energy can be lowered by dislocation climb 
at the columnar grain boundaries; barrier energy for climb is lowered by biaxial in-plane 
stretching under applied 𝜎22 tensile loading. (c) Redistribution of dislocations results in a 
kinked interlayer structure with wavelength period of 2L 
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Figure 5.7 Evolution of the (111) Cu/Ag interlayer interface during planar-to-wavy transition 
for polycrystalline Cu/Ag nanolayers with h = 2 nm, L = 40 nm. The interlayer interface 
structure still remains (111) and comprises of roughly the same number of Cu/Ag atoms 
bounding the interface. 
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Figure 5.8 Unloading process after tensile test of polycrystalline Cu/Ag nanolayers (h=2nm, 
L=40nm), starts at various strain levels. (a) stress-strain response; (b) VMD snapshots taken 
before and after the unloading process 
(b) 
Before Unload After Unload 
ε=0.03 
ε=0.06 
ε=0.09 
Initial strain 
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Figure 5.9 Unloading process after tensile test of polycrystalline Cu/Ag nanolayers (h=4nm, 
L=40nm), starts at 𝜀22 = 0.04. (a) stress-strain response; (b) VMD snapshots taken during the 
unloading process in sequence 
(b) 
ε22=0.04 
ε22=0.03 
ε22=0.01 
ε22=0.00 
(c) 
(d) 
(e) 
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5.5 Tables 
 
Model No. h (nm) L (nm) h/L Wavy  
(Yes or Not) 
1 2 20 0.1 Not 
2 4 20 0.2 Not 
3 8 20 0.4 Not 
4 2 40 0.05 Yes 
5 4 40 0.1 Not 
6 8 40 0.2 Not 
7 2 80 0.025 Yes 
8 4 80 0.05 Yes 
9 8 80 0.1 Not 
 
Table 5.1 Planar-to-wavy mechanism checks for all the polycrystalline models  
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CHAPTER 6. COMPRESSION OF CU/AG NANOLAYERS 
6.1 Comparison between Compression and Tensile Simulations 
 We have conducted compression simulations on pristine and polycrystalline Cu/Ag 
nanolayers. Our pristine nanolayers have interlayer thickness of h=2/4/8nm, with periodic model 
dimension of D = 32 nm in the loading direction. For the polycrystalline nanolayers, different 
grain sizes of L=20/40/80nm are examined at fixed h = 2 nm. In addition, simulations for different 
interlayer thicknesses of h=2/4/8nm at fixed grain size of L=40nm are tested. The deformed 
atomic configurations are shown in Figure 6.1 with the corresponding stress-strain response in 
Figure 6.2.  
 
 Results show that the pristine nanolayers can sustain high deformation levels before reaching 
the yield strain at 𝜀22 = ~ − 0.1 , upon which full dislocations are emitted from the Cu/Ag 
interlayer interfaces. See Figure 6.1. The strengthening mechanism is then governed by interface 
crossings of single dislocations (ICSD) – a typical strengthening mechanism discussed in Chapter 
2 at small layer thickness of metallic nanolayers – which is very different from the emission of 
twinning partials from incipient micro-cracks in the Ag interlayer under tension. The full 
dislocation loops originate from the high compressive sites along the semi-coherent Cu/Ag 
interface (blue atoms in Figure 3.1) and cross-slip into neighboring Cu or Ag interlayers once a 
critical resolved shear stress is reached.  
 
 In polycrystalline Cu/Ag nanolayers, both ICSD from the interlayer interface and 
deformation micro twinning (DMT) from the columnar grain boundaries are simultaneously 
operative, as shown in Figure 6.1b. However, both ICSD and DMT mechanisms are activated at 
much higher yield strengths of ~15GPa compared to ~5GPa under tension. The underlying reason 
is that different deformation mechanisms are activated under tension versus compression. The 
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compressive stress-strain response in Figure 6.2 shows that increasing the interlayer thickness 
increases the strength for pristine nanolayers, but the opposite trend is observed for polycrystalline 
layers; the predicted strength for the latter is also a factor of two lower. No planar-to-wavy 
transitions are observed in all our compression tests, due to the high barrier energy for dislocation 
climb along compressively strained columnar grain boundaries.  
 
6.2 Plastic Recovery under Compression  
 The compression of polycrystalline Cu/Ag nanolayers is found to emit full dislocation loops 
from the interlayer interfaces, as well as deformation twins from the columnar grain boundaries. 
We have performed unloading simulations for polycrystalline Cu/Ag nanolayers with h = 2 nm, L 
= 40 nm at 𝜀22 = −0.12, and have observed that the emitted full dislocation loops are absorbed by 
the interlayer interfaces or columnar grain boundaries (Figure 6.3b-d). However, twinning partials 
are continuously emitted from the grain boundaries during unloading and span across the 
individual grains (see Figure 6.3d,e, DMT), which are akin to the observations in tensile 
simulations of polycrystalline Cu/Ag nanolayers. When the model is completely unloaded, i.e. 
𝜎22 = 0, the interlayers still contain defects in the form of twinning partials and residual single 
dislocation loops which imply that plastic strain recovery cannot occur in nanolayers subjected to 
compression. 
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6.3 Figures 
 
Figure 6.1 Strengthening mechanisms of Cu/Ag nanolayers under compression. (a) Interface 
crossings of single dislocations (ICSD) for pristine nanolayers with h = 8 nm, D = 32 nm. (b) 
Combined ICSD and deformation micro twinning (DMT) mechanisms for polycrystalline 
nanolayers with h = 8 nm, L = 40 nm. 
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Figure 6.2 Compressive stress-strain response for pristine and polycrystalline nanolayers of 
various interlayer thicknesses 
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Figure 6.3 Unloading process after compression test of polycrystalline Cu/Ag nanolayers 
(h=2nm, L=40nm), starts at 𝜀22 = −0.12 . (a) stress-strain response; (b) VMD snapshots 
taken during the unloading process in sequence 
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CHAPTER 7. CONCLUDING REMARKS 
7.1 Discussions 
 Several mechanisms have been put-forth in the literature review to explain the layer-thickness 
dependent strengthening relationship in metallic nanolayers. However, discrepancies exist 
between model predictions and experimental findings. For example, order-of-magnitude 
differences in the yield strength have been observed (~9GPa from MD simulations of pristine 
Cu/Ag nanolayers in Figure 4.1 versus ~700MPa in experiments [12]). Conflicting layer thickness 
versus strength relationships has also been reported at sub-10 nm interlayer thicknesses [11,12]. In 
addition, the yield strength of Cu/Ag nanolayers measured from tensile and compressive tests 
were quantitatively very different [3]. Our simulations for Cu/Ag nanolayers have shown that 
these discrepancies can be attributed to the presence of microstructural flaws (micro-cracks and 
grain boundaries) in the nanolayer metals, as well as the different deformation mechanisms 
activated under tension and compression.  
 
 For pristine nanolayers under tension, our results reveal the absence of plasticity mechanisms, 
resulting in extremely brittle failure. However, initial flaws in the form of micro-cracks within the 
interlayers can promote deformation twinning through multiple interlayers under tension, leading 
to enhanced communication between spatially separated flaws and delocalized failure behavior. 
The presence of these flaws also recovers the measured tensile strength and stiffness values in 
experiments [12]. Considering that the density of flaws should scale in proportion with the density 
of interlayer interfaces, our simulations consistently demonstrate an increased strengthening 
behavior with decreasing interlayer thickness. While akin to Hall-Petch behavior, this 
strengthening mechanism is solely related to the increased communication between flaws rather 
than dislocation pileup or single dislocation transmission mechanisms at the interface. 
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 In polycrystalline Cu/Ag nanolayers, microstructural flaws in the form of columnar grain 
boundaries are also sources for twinning partials; the deformation twins grow towards the 
opposite columnar grain boundary by crossing the interior of the grains across several Cu/Ag 
interlayers. In the process, the intersections of multiple microtwins on non-parallel slip planes 
produce formidable locks that serve as both strong obstacles to twin growth resulting in twin 
thickening, as well as stress concentration sites for incipient cracks. The extent of such grain-
boundary-mediated deformation twinning depends on the planarity of the Cu/Ag interlayers. 
Moreover, our simulations show that the lattice mismatch stresses between Cu and Ag can act as 
the driving force for interlayer interface migration, resulting in wavy interlayer formation under 
tension. However, such morphological transition can only happen in polycrystalline Cu/Ag 
interlayers within a critical range of interlayer thickness and grain size under tension, where the 
columnar grain boundaries facilitate dislocation climb mechanisms necessary to negate the 
bending energy associated with curvature of the interlayers. 
 
 Comparing the results of tensile and compression simulations, we find there are completely 
different deformation mechanisms acting under these two loading processes respectively. In the 
tensile testing, twinning partials emitted from micro flaws (micro-cracks and grain boundaries) 
lead to plastic deformations. While under compression, the dominant deformation mechanism is 
the transmission of interface emitted full dislocation loops. Besides, compression process 
demonstrates much higher activate strength for plastic deformation than tensile tests. These 
discoveries explain the discrepancies between tensile and compression experimental observations.  
 
 Are nanolayer metals ductile or brittle? In pristine nanolayers, the only available dislocation 
sources are the interlayer interfaces. However, large resolved shear stresses are required to 
activate ICSD, and the pristine nanolayers fail before appreciable plastic flow. In order for 
nanolayers to exhibit ductility, two necessary conditions are: (a) the availability of dislocation 
sources with low nucleation strength, and (b) the ability of the deformation mechanism to spread 
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plastic flow. Our MD simulations show that microstructural flaws in the form of micro-cracks or 
columnar grain boundaries can enhance the ductility of nanolayer metals; these flaws act as 
sources for twinning partials, resulting in DMT across multiple Cu/Ag interlayers. Crack trapping 
or arrest mechanisms due to the interlayer interface or morphology of the nanolayers also enhance 
the ductility of the nanolayers. An example is the formation of wavy Cu/Ag interlayers. In the 
planar interlayers, crack along grain boundaries prefer to grow within one interlayer and interfaces 
act as a weak barrier for cracks to penetrate. For the wavy interlayer however, the wavy pattern 
constrains the micro-crack from propagating within the individual interlayer. Instead, cracks grow 
intergranularly along the columnar grain boundary parallel to the general loading direction. In this 
manner, crack tip grows parallel to the loading direction, which requires a higher driving force.  
 
7.2 Future Work 
 Although new strengthening and ductility mechanisms in nanolayer metals have been 
uncovered, this thesis specifically considers only the Cu/Ag nanolayers, which represent metallic 
nanolayers with semi-coherent interface structures. In addition, we have limited our study to two 
specific classes of flaws: incipient micro-cracks within Ag interlayers and columnar grain 
boundaries. In order to understand the full picture of how initial imperfections affect the 
mechanical properties of all general metallic nanolayers, our simulations should be expanded to 
encompass the range of coherent, semi-coherent, and incoherent interlayer structures. In addition, 
integrated experimental cum simulation approaches should be used to elucidate the type and 
density of imperfections present, and the corresponding deformation response.  
 
 Unlike conventional plasticity theories, unloading of the plastic-deformed nanostructure hints 
to the possibility of a plastic recovery mechanism unique to nanolayer metals. For example, post-
fracture unloading of Cu/Ag nanolayers in Figure 4.3c show that the high density of deformation 
twins in Figure 4.3b is almost completely recovered, with the twinning partials retracting either to 
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the crack surface or to the interlayer interfaces. Also, in the unloading simulation depicted in Fig 
4.16, the deformation twins retreat backward the grain boundaries and form an intact structure 
without any plastic deformations. These intriguing plastic recovery phenomena are possibly 
related to the low formation and migration energies of vacancies and interstitials within the 
interlayer interfaces (compared to bulk), which imply that these interfaces readily absorb 
vacancies and interstitials [56]. Because of this unusual plastic strain recovery, more detailed post-
mortem analysis of the nanolayers, where in-situ characterization is difficult, might lead to the 
premature conclusion of a brittle failure behavior. Characterizing the plastic self-recovery 
mechanisms in nanolayer metals is a subject of future work. 
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APPENDIX A: DERIVATION OF PLANAR-TO-WAVY 
TRANSITION FORMULATION 
A.1 Residual energy in the planar nanolayers (𝑑𝐸𝑟𝑟𝑟𝑖𝑟𝑟𝑎𝑟) 
 In the study, we assume that the residual energy due to the mismatch of lattice parameters 
between Cu and Ag is reduced to zero after the formation of wavy interlayers. Thus, the residual 
stress change from planar to wavy (𝑑𝐸𝑟𝑟𝑟𝑖𝑟𝑟𝑎𝑟) is the residual energy of planar interlayers. 
 
For an infinite plane model, the planar unit volume residual energy expression [21] for a film 
structure is:   
𝐸𝑟𝑛𝑖𝑡 = 1−𝜈𝐸 𝜎𝑅2                                                         (A.1) 
For a specific cubic volume, the residual energy should be: 
𝐸𝑟𝑟𝑟𝑖𝑟𝑟𝑎𝑟 = 𝐸𝑟𝑛𝑖𝑡 × 𝐺2 × ℎ                                                 (A.2) 
where a is the edge for a square area in the interface and h is the film thickness. In our case, 
analysis model is taken as one interlayer interface in a hexagon grain with half Cu and half Ag 
interlayers. See Figure A.1. Since the original expression is for infinite square area, the hexagon 
model should change to a relative square area: 
𝑆ℎ𝑟𝑚𝑎𝑏𝑒𝑛 = 𝑆𝑟𝑠𝑟𝑎𝑟𝑟_𝑟𝑟𝑟𝑎𝑡𝑖𝑟𝑟                                                (A.3) 
That is: 
3√3
8
𝐿2 = 𝐺2                                                             (A.4) 
where a is the edge of the relative square. Thus in the expression, the area coefficient for hexagon 
is 3√3
8
≈  0.65. Since the model consists of half Cu layer and half Ag layer, the thickness for Ag 
and Cu in the model is ℎ
2
. Thus, for either half layer, the expression should be: 
𝐸 = 𝜉(1−𝜈
𝐸
)𝜎𝑅2(ℎ2 𝐿2)                                                     (A.5) 
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When the Cu/Ag nanolayers deforms from planar to wavy, the residual stress reduces to almost 
zero. As a result, the residual stress expression for Cu/Ag nanolayers should be (A.5) for Cu plus 
(A.5) for Ag:  
                                            (A.6) 
 
A.2 Increase of interface energy (𝑑𝐸𝑖𝑛𝑡𝑟𝑟𝑖𝑎𝑐𝑟) 
 Since the number of atoms in the Cu/Ag interfaces remains the same during the transition, the 
interface energy change can be considered only due to the area change of interface. For 
Simplicity, use a 2D model, where former length of the interface is L, twice wavy amplitude is h 
and the wavy interface length is √𝐿2 + ℎ2; see Figure A.2. The area increase can be treated as the 
length increase multiplies L: 
𝑑𝐴 = 𝐿 × �√𝐿2 + ℎ2 − 𝐿�                                                    (A.7) 
Apply Newton expansion to √𝐿2 + ℎ2: 
√𝐿2 + ℎ2 = 𝐿 + ℎ2
𝐿
+ ⋯                                                     (A.8) 
Take the first two items of (A.8) into (A.7) expression: 
𝑑𝐴 = 𝐿 ℎ2
𝐿2
                                                                 (A.9) 
Thus the increase interface energy is: 
                                                         (A.10) 
where 𝜏 is the interface energy density [54] 
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A.3 Figures 
 
Figure A.1 Geometry of hexagon model for residual energy derivation 
 
 
Figure A.2 1D model for interface energy change derivation 
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